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Atomic Species Associated with the Portevin–Le
Chatelier Effect in Superalloy 718 Studied
by Mechanical Spectroscopy
B. MAX, J. SAN JUAN, M.L. NO´, J.M. CLOUE, B. VIGUIER, and E. ANDRIEU
In many Ni-based superalloys, dynamic strain aging (DSA) generates an inhomogeneous plastic
deformation resulting in jerky flow known as the Portevin–Le Chatelier (PLC) effect. This
phenomenon has a deleterious effect on the mechanical properties and, at high temperature, is
related to the diffusion of substitutional solute atoms toward the core of dislocations. However,
the question about the nature of the atomic species responsible for the PLC effect at high
temperature still remains open. The goal of the present work is to answer this important
question; to this purpose, three different 718-type and a 625 superalloy were studied through a
nonconventional approach by mechanical spectroscopy. The internal friction (IF) spectra of all
the studied alloys show a relaxation peak P718 (at 885 K for 0.1 Hz) in the same temperature
range, 700 K to 950 K, as the observed PLC effect. The activation parameters of this relaxation
peak have been measured, Ea(P718) = 2.68 ± 0.05 eV, s0 = 2Æ10
15 ± 1 s as well as its
broadening factor b = 1.1. Experiments on different alloys and the dependence of the
relaxation strength on the amount of Mo attribute this relaxation to the stress-induced
reorientation of Mo-Mo dipoles due to the short distance diffusion of one Mo atom by exchange
with a vacancy. Then, it is concluded that Mo is the atomic species responsible for the
high-temperature PLC effect in 718 superalloy.
https://doi.org/10.1007/s11661-018-4579-2
I. INTRODUCTION
DYNAMIC strain aging (DSA) is a common phe-
nomenon appearing in a large number of alloys and
leading to a modification of mechanical properties of the
materials. Since the works of Cottrell[1] and Cottrell and
Jaswon,[2] DSA has been considered as resulting from
the elastic interaction between diffusing solute atoms
and the stress field surrounding mobile dislocations.
Over wide ranges of temperature and strain rate, DSA
generates inhomogeneous plastic deformation known as
the Portevin–Le Chatelier (PLC) effect, serrated
yielding, or jerky flow. The occurrence of the PLC
effect is characterized by repeated abrupt stress drops on
the stress–strain curve of tensile tests, called serrations.
This peculiar manifestation of DSA was observed,
studied, and characterized in a great variety of alloys,
among which there were some Ni-base superalloys. For
instance, serrated plastic flow was reported in Waspalloy
(United Technologies Corporation, Farmington,
CT),[3,4] alloy 625 (Special Metals Corporation, Port-
land, OR),[5–7] Udimet 720 (Special Metals Corporation,
Portland, OR),[8,9] Inconel 738 (Special Metals Corpo-
ration, Portland, OR),[10] and Inconel 718 (Special
Metals Corporation, Portland, OR).[3,11–20] Many stud-
ies have been carried out on this subject of interest
contributing to a better understanding of the mecha-
nisms and atomic species potentially involved in the
occurrence of the phenomenon. The characterization of
the PLC effect is based on the determination of the
apparent activation energy for the occurrence of serra-
tions on stress–strain curves and its comparison with the
diffusion energy of different solute species in the alloy,
which allows determination of the nature of the solute
atom responsible for the interaction with mobile
dislocations.
In alloy 718 (Special Metals Corporation, Portland,
OR), the critical strain to the onset of the first serration,
ec, evolves with temperature and strain rate following
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two different trends depending on the metallurgical
condition of the alloy.[11,14,18,19] These domains of ec
evolution are often called normal and inverse behaviors,
as shown in Figure 1, adapted from a previous work.[20]
As a reminder, in the normal domain (low temperature),
ec decreases with an increase of temperature, whereas in
the inverse domain (high temperature), ec increases with
an increase of temperature. These two domains logically
involve two distinct mechanisms responsible for the
behavior at low and high temperature, and both of them
have been studied on alloys in several metallurgical
conditions. From a large survey of the literature, the
following points appear to be relevant.
The interaction between carbon atmospheres and
mobile dislocations is widely accepted, since the works
of Nakada and Keh[21] on Ni containing various levels
of C, as responsible for the low-temperature PLC effect
in a great majority of Ni-based alloys. Particularly, in
alloy 718, it seems that a consensus has been reached on
the subject.[3,11–14,18–20]
However, the origin of the high-temperature behavior
is still a source of controversy, and opinions on the
possible origin of serrations are divided. Whereas it is
generally accepted that in the inverse domain, behavior
of the PLC effect must be attributed to a substitutional
atomic species, there are strong discrepancies about the
nature of such solute. Hale et al.[13] considered Cr as a
potential candidate on the basis of activation energy
calculations, whereas Hayes and Hayes[3] suggested it
was Nb, based on the disappearance of serrations for
high strains resulting from the depletion of Nb in the
stress field of dislocations due to the formation of NbC
clusters during deformation. Nalawade et al.[18,19] work-
ing on different metallurgical conditions of alloy 718,
claimed that Nb is the atom responsible for the
high-temperature PLC phenomenon. The reason was
the earlier disappearance of serrations when increasing
tensile test temperatures in samples with a matrix
containing less Nb (i.e., aged and d precipitated) than
in the solution-treated material. Nevertheless, this study
is based on the comparison of the plastic behavior of
alloys in totally different metallurgical conditions, which
could lead to misleading interpretation of the experi-
mental results.
A recent study of the PLC effect on a cast alloy
718,[20] aged by a standard aeronautical heat treatment
(993 K/8 h–893 K/8 h), allowed evaluation of the
apparent activation energies of the high-temperature
PLC effect using the different methods described in the
literature.[3,13,14,22,23] Unfortunately, the activation ener-
gies calculated by these five methods fluctuate between
110 and 320 kJ/mol (1.14 and 3.32 eV, respectively).
These results are consistent with the values obtained on
other 718 alloys, in different metallurgical conditions,
and corresponds to the activation energy for the
diffusion of some substitutional atomic species. Never-
theless, the diffusion energies of substitutional solutes in
Ni-based alloys are close to one another (Table S1 in the
Supplementary Material), and all of them fall in the
measured range. Consequently, the important question,
of high scientific and technological interest, about the
atomic species responsible for the high-temperature
PLC effect remains open.
Then the aim of the present work is to answer the
preceding question and close the controversy about the
nature of the atoms diffusing toward dislocations in the
temperature range in which the high-temperature PLC
effect is observed, which, according to Figure 1, takes
place between 700 K and 950 K. To reach this goal,
another experimental technique was considered as
promising insofar as the objective of answering this
question is concerned. Indeed, the study was
approached by mechanical spectroscopy, which is a
powerful technique to study the mobility of atomic
structural defects and, in particular, point defects.[24–26]
It is expected that the short distance diffusion of the
mobile solute atoms in the Ni lattice could give place to
a relaxation peak in the internal friction (IF) spectrum
measured by mechanical spectroscopy, making possible
access to the activation energy of the relaxation process.
The term ‘‘short distance diffusion’’ is used as a
generalization of the atomic jumps at nearest-neighbor
(NN) or next-NN distances, constituting the elemental
mechanism for the long distance diffusion processes.
The formal theory establishing the relationship between
the atomic jumps measured during anelastic relaxation
and the diffusion theory, according to Fick’s law, can be
found in classic texts.[24,25] The idea is to establish a link
between the short distance diffusion responsible for the
anelastic relaxation phenomenon, measured by mechan-
ical spectroscopy, and the long distance atomic diffusion
responsible for the inhomogeneous plastic deformation
observed during the PLC and characterized by tensile
tests. We expect that this approach, applied to a series of
different 718-based alloys, will allow us elucidate the
nature of the atomic diffusing species.
Fig. 1—Map of plastic deformation mechanisms, in the
temperature–strain rate plane, for the 718 alloy, after precipitation
through the standard aeronautic thermal treatment. DSA refers to
the domain where no serrations are observed (red squares), whereas
PLC denotes the domain in which serrated flow is observed (blue
circles); a dashed line is plotted between the inverse and normal
behaviors of the critical strain to the onset of serrations. Adapted
from previous results[20] (Color figure online).
II. MATERIALS AND METHODS
Four alloys were studied by mechanical spectroscopy:
alloy 718, solid solution treated and further aged; two
718-like prototype alloys, one without Nb and the other
enriched in Mo; and, finally, an alloy 625+. The
chemical compositions of the different alloys used in
this study are summarized in Table I. The choice of such
different alloys and treatments was made with the
purpose of having different content of atomic solutes,
in particular, Nb, Fe, and Mo, in comparable
microstructural conditions.
Alloy 718 is a cold-rolled 0.65-mm-thick strip. Some
samples were solid solution treated (718SS) during 1
hour at 1333 K and then water quenched, whereas other
samples were further aged (718AP) following the con-
ventional aeronautical aging heat treatment, 993 K/8
hour–893 K/8 hour, to produce the precipitation of c¢
and c¢¢ phases; the grain size of these alloys is about 10
to 20 lm. A prototype Nb-free 718 alloy (718NbF) was
specifically produced and hot rolled to 20-mm-thick
plates; finally, it was cold rolled and annealed at 1273 K
during 60 seconds. The grain size is about 15 to 30 lm.
Another prototype 718 alloy enriched in Mo (718Mo)
was produced and hot rolled to 8-mm-thick plates.
Samples were cut from as-received material and aged
following the conventional aeronautical aging heat
treatment, 993 K/8 hour–893 K/8 hour; the grain size
of this alloy is about 50 lm. Alloy 625+ was cold rolled
to 4-mm-thick plates and then solution treated during 30
minutes at 1273 K. Finally, samples received a specific
aging heat treatment, 1003 K/8 hour–903 K/8 hour; the
grain size of this alloy is about 100 lm. All final heat
treatments were made on Fe-Cr-Al-Y wraps sealed
under vacuum, 5 9 105 mbar.
Samples for IF measurements were cut using an
abrasive disc saw in the case of the 718 standard alloy
and the 718 Nb-free prototype alloy and by electrodis-
charge machining (EDM) in the case of the 718
Mo-enriched prototype alloy and the alloy 625+.
Samples machined by EDM were mechanically ground
over at least 150 lm to remove the heat-affected zone.
All samples were finally polished on silica carbide papers
until 1200 grade. The length and width of the samples
for IF measurements were 50 9 5 mm, and their
thickness was between 0.7 and 0.5 mm.
The IF and dynamic modulus variation (DMV)
measurements were carried out in a forced subresonant
torsion pendulum, able to work as a function of
frequency in the range 0.01 to 3 Hz as well as to work
as a function of temperature in the range 150 to 1100
K.[27] The IF is measured through the tan(/), / being
the lag angle between the oscillating strain and the
applied stress. In this study, the measurements were
made as a function of temperature at different frequen-
cies, with an initial oscillation amplitude at room
temperature of e0 = 10
5. The IF spectra and the
modulus variation curves were measured under vacuum,
of about 106 mbar, at a heating rate of 1 K/min. The
temperature was measured by a K thermocouple located
in the lower clamp at the basis of the IF sample.
III. EXPERIMENTAL RESULTS AND ANALYSIS
Initially, the IF spectra and the dynamic modulus
curves on the alloy 718SS, after the solid solution
treatment, were measured as a function of temperature
between 300 and 1033 K for six different frequencies
between 0.01 and 3 Hz. The IF spectra for three
frequencies are shown in Figure 2, as well as the DMV
curve associated with the spectrum at the lower fre-
quency of 0.03 Hz. An IF peak is clearly observed,
superimposed to a growing high-temperature back-
ground (HTB). The IF peak shifts to low temperature
when the oscillation frequency decreases and is associ-
ated with a dynamic modulus defect; this corresponds to
a relaxation peak linked to a thermally activated
mechanism.
A. Analysis of the Relaxation Peak
To analyze this relaxation peak, its activation param-
eters must be determined, and in Figure 3(a), the spectra
measured at six imposed discrete frequencies are plotted
as a function of 1/T. Assuming that the associated
thermal activated process follows the Arrhenius law for
the relaxation time s = s0Æexp(Ea/kBÆT) (s0 is the time
limit, Ea the activation energy, kB the Boltzmann
constant, and T the temperature), and taking into
account that for an oscillation of angular frequency x
the peak maximum is reached when the condition
xs = 1 is fulfilled,[24,25] the activation energy can be
obtained through Eq. [1]:
lnðxÞ ¼  lnðs0Þ 
Ea
kB

1
T
½1
Plotting the temperature of the peak maximum TP in
1/T vs ln(x), a linear fit, according to Eq. [1], gives the
activation energy Ea. However, there is a problem from
the experimental point of view, which prevents using this
method from the peak maxima. Indeed, the HTB grows
fast and close to the peak, given place to a slight shift of
Table I. Chemical Compositions of the Studied Nickel-Based Alloys (Weight Percent), as Measured by Glow Discharge Mass
Spectrometry and Instrumental Gas Analysis
Compositions (Wt Pct) Ni Fe Cr Nb Ti Al Mo Mn Si Co C
Alloy 718 bal 18.30 18.39 4.94 0.95 0.56 3.0 0.06 0.04 0.02 0.033
Alloy 718 NbF bal 18.47 17.92 < 0.001 1.01 0.52 2.92 0.12 0.06 0.044 0.06
Alloy 718 Mo bal 14.44 18.6 5.13 1.01 0.53 4.44 0.1 0.12 0.03 0.03
Alloy 625+ bal 3.60 21 3.5 1.5 0.2 8.0 0.1 0.05 0.02 0.03
the peak maxima. This problem is usually solved by
fitting the expression of the HTB and subtracting it from
the IF spectra, to obtain the isolated relaxation peak.
Nevertheless, although this method has been success-
fully applied to high-temperature intermetallics,[28–30] it
cannot be applied in the present case because the HTB
has been measured only in a narrow temperature range
not wide enough to fit it properly. In fact, the sample
must not be heated above 993 K for a long time, in order
to avoid the precipitation processes during the thermal
run along each measurement; consequently, we kept the
temperature below 1010 K in all runs except for the last
measurement at 3 Hz. Fortunately, Eq. [1] can be
applied not only to the peak maxima but to every point
of the peaks, provided that the IF peaks are previously
normalized,[24] as we have done to plot Figure 3(a).
Then, it can be considered a good approximation that
the low-temperature side of the peaks is not, or is only
slightly, affected by the HTB, and Eq. [1] can be applied
to any point with the same strength from each spectrum
(gray line). The Arrhenius diagram of Figure 3(b) is
obtained from these points, giving the activation energy
of Ea= 2.66 eV. This plot cannot offer the value of s0
from the ordinate at the origin, but it can be obtained by
a simple shift in temperature to match the temperature
of the peak maximum corresponding to the spectrum at
the lowest frequency (0.01 Hz), which is practically not
affected by the HTB; thus, a time limit of
s0 = 1.02 9 10
15 s is obtained. Once the activation
energy is determined, the relaxation peak can be fitted to
Eq. [2], which represents a relaxation peak as a function
of 1/T[26]:
tan /ðTÞ½  ¼ tan /max½  cosh
1 Ea
r2ðbÞ  kB
1
T

1
Tp
  
½2
relaxation peak and the width of a theoretical sin-
gle-time relaxation peak (Debye peak, b = 0), which is
directly related to the b parameter of the Gaussian
(log-normal) distribution of energies.[24,26] This method
was applied to the spectrum measured at 0.01 Hz, for
which the peak and the HTB are more split up than for
other frequencies, allowing a good fit of the HTB and its
subtraction from the spectrum to obtain the isolated
peak.
Although this procedure must be mathematically
done in 1/T,[26,30] the final result was plotted vs T in
Figure 3(c), where the HTB (cyan rhombuses) and the
best fit of the relaxation peak for r2= 1.40 (red dots) are
shown in comparison with the experimental spectra
(black squares). We have also included the associated
DMV curve showing the corresponding modulus defect.
With the determined parameters, activation energy
Ea= 2.66 eV, time limit s0= 1.02 9 10
15 s, and
broadening factor r2 = 1.40 (b = 1.3), the relaxation
peak appearing in solid solution condition PSS becomes
fully characterized. We may conclude from the narrow
distribution factor r2 and the time limit s0 that the
relaxation peak PSS must be associated with a point
defect mobility mechanism.
Along all the series of IF measurements shown in
Figure 3(a), the time that the sample remains above 993
K is about 1.5 hours, without any noticeable evolution
of the relaxation peak. However, it could be argued that
during heating, while measuring between 923 K and
1033 K, the precipitation of c¢ (Ni3Al) and c¢¢ (Ni3Nb)
could take place and then the relaxation peak would be,
in fact, observed in the precipitated state and not in the
solid solution state, in which case the relaxation peak
could be associated with the precipitates. This aspect
deserves a deep analysis. Although there are some
differences in the transformation-time-temperature
(TTT) diagrams for the precipitation of c¢ and c¢¢ in
718 alloy,[31,32] we can consider for the present analysis
that the isothermal kinetics given by Brooks and
Bridge[31] for c¢¢ precipitation could be used as the faster
one to describe the isothermal precipitation domain of
either or both of the c¢ and c¢¢ phases. In such TTT
diagrams,[31] the precipitation in isothermal conditions
at 873 K is extremely slow and starts at about 1000
hours of aging. As the time elapsed during the IF
measurement to reach this temperature (5 hours) is
completely negligible, it can be considered that, at least
during the first heating run, this temperature is reached
in the initial solid solution state. At 923 K, the TTT
diagram indicates that the precipitation starts after 90
minutes of isothermal aging. During IF measurement,
the time required to reach this temperature from our
initial state at 873 K is only 50 minutes; consequently,
the precipitation should have not started yet. However,
due to experimental uncertainties, it could be conceded
that during the first measurement, the precipitation
could possibly start at 923 K (650 C). Then, IF was
measured in another virgin sample of 718 alloy in solid
solution state. In Figure 3(d), the IF spectrum measured
during the first heating run at 0.03 Hz is presented
(black squares). Figure 3(d) clearly shows that the
relaxation peak is fully developed and reaches its
Fig. 2—IF spectra measured at three different frequencies on the
718SS alloy after the solid solution treatment. The presented curve
of DMV (red dots) corresponds to the IF peak at 0.03 Hz (Color
figure online).
where tan(/max) is the maximum strength of the peak 
and r2(b) = DT
1(b)/DT1(0) is the broadening factor 
given by the ratio between the width of the experimental
inverse PLC effect takes place (Figure 1), and there is also
a direct correlation between the IF and the strain-rate
behavior during the PLC effect. It is difficult to establish a
quantitative relationship between the strain rate during
the PLC effect, which is linked to the mobile dislocation
velocity, and the IF relaxation peak at a given frequency,
which is related to the short distance atom diffusion, but a
qualitative rationalization is offered as follows. The
comparison between the PLC effect and the IF peak
must be done for the same microstructural state; this
means that the relaxation peak measured in the 718 aged
(precipitated) state should be considered. The analysis of
the PAP peak is presented in Figure 4, and in the
supplementary information, (Figure S1), the reader can
find the spectra in the T scale for an easy comparison.
During an imposed strain-rate deformation test (con-
sider _e ¼ 3 104s1 in Figure 1), the dislocations will
Fig. 3—(a) Complete series of IF spectra measured at different frequencies on the 718SS alloy in solid solution, after normalization to the
strength of the peak at 0.1 Hz. The gray line is the reference for measuring the temperature shift of the peak with frequency. (b) Arrhenius plot
from the data of (a) and using Eq. [1]. (c) Experimental IF spectrum at 0.01 Hz (black squares), the subtracted HTB (cyan rhombuses), and the
theoretical broadened Debye peak fitted (red dots) using Eq. [2] with the data indicated in the text. The DMV associated with this relaxation
peak is also plotted (blue dots). (d) Experimental IF spectrum at 0.03 Hz (black squares) measured during the first heating run in a new sample
of 718 alloy in solid solution, and the fit (red dots) to a broadened Debye peak with the same parameters as in (c) (Color figure online).
maximum earlier than the precipitation process even 
starts, and it can be concluded that the relaxation 
process takes place in solid solution. Even more, the 
theoretical broadened Debye peak (red dots), fitted with 
the same parameters (Ea and r2) obtained in Figure 3(c) 
for the IF spectrum measured after many measurements 
of the series presented in Figure 3(a), is also plotted in 
Figure 3(d) for the new virgin sample. Then, it can be 
concluded that, even if the precipitation takes place 
along thermal cycling during measurements, it does not 
have any substantial effect on the relaxation peak. 
Consequently, it can be concluded also that the IF peak 
is linked to a relaxation process taking place in the solid 
solution of the matrix.
In addition, the temperature range in which the 
relaxation peak spreads, 700 K to 950 K (430 C to 
680 C), is exactly the same as the one in which the
increase one order of magnitude the frequency, 0.3 Hz,
in Figures 4 (or S1). In such case, the IF peak starts at
about 780 K and reaches maximum strength at 910 K,
so roughly at the same temperatures as the beginning
and end of the PLC effect. Consequently, there is a good
correlation between the temperature and the strain-rate
ranges in both kinds of experiments, PLC effect and IF
spectra, allowing us to conclude that the atomic species,
whose shortdistancediffusionmobility is responsible for the
IF relaxation peak, must be the same one whose long
distance diffusion is responsible for the inverse PLC effect.
Unfortunately, as commented previously, the diffusion
energies of the different atomic species candidates for being
responsible for the inverse PLC, this means Ti,[33,34]
Al,[33,35,36]Nb,[37,38] Fe,[33,39–41] Cr,[40,42,43] and Mo,[38,43–45]
are close to one another (Table S1 in the supplementary
information). Consequently, the measured activation
energy does not allowus to discriminate between the atomic
species responsible for the relaxation peak and the PLC
effect. This will be done through the next series of
experiments.
B. Influence of Solute on the Relaxation Peak
To identify the atomic species responsible for the
observed relaxation, we have to consider that, according
to the main reviews on anelastic relaxations due to point
defects,[24,46–48] the relaxation strength increases with the
concentration of solute atoms in solid solution, irre-
spective of the particular atomic mechanism responsible
for the relaxation. With that basic idea in mind, the
evolution of the relaxation peak will be followed as a
function of the concentration of the different solute
atoms. First, the influence of Ti and Al on the relaxation
will be tested. As Ti and Al are involved in the
formation of the c¢ precipitates, their proportion in the
matrix decreases greatly from the solid solution state to
Fig. 4—(a) Series of IF spectra measured at different frequencies on the 718 alloy after the standard aeronautical thermal treatment to promote
precipitation. The spectra were normalized to the strength of the spectrum at 0.1 Hz. (b) Arrhenius plot from the data in (a) using the same
procedure as in Fig. 3 and Eq. [1].
move at a certain velocity (depending on several 
microstructural parameters) when one atomic species is 
able to diffuse. However, if the atomic diffusion velocity 
is lower than that of the dislocation, a repeated 
breakaway of the dislocation from the solute atmo-
sphere will occur and the PLC effect appears (at about 
710 K in Figure 1). When the diffusing atomic species are 
able to diffuse fast enough to follow the dislocation 
motion velocity, solute atoms will be dragged, and a 
transition from PLC to DSA will be observed (at about 
855 K in Figure 1). During an IF measurement (con-sider 
the spectrum at 0.03 Hz in Figures 4 or S1), the mobility 
of solute atoms takes place at a strain rate imposed by 
the frequency, _e / f, and the temperature of the peak is 
given by the resonant condition, xs = 1. Nevertheless, 
this process follows the Boltzmann statis-tics, and for a 
single relaxation time s, the IF results in a Debye peak. 
The peak begins at a temperature at which some atoms 
start to move at the imposed frequency (at about 720 K 
for 0.03 Hz in Figures 4 or S1), so the beginning of the IF 
peak indicates the temperature at which the PLC effect 
starts. At the temperature of the peak maximum (about 
850 K for 0.03 Hz in Figure 4), the resonant condition xs 
= 1 means that the diffusing atoms are able to move fast 
enough to follow the strain rate, so the maximum of the 
IF peak is roughly giving the temperature of the 
transition from PLC to DSA. The quantitative prediction 
of the proportionality between the strain rate for the 
PLC effect and the frequency for IF is a difficult task, out 
of the scope of the present work, but the experimental 
values for PLC at _e ¼ 3  104s1 match rather well with 
the values of IF at 0.03 Hz. Now, let us increase one 
order of magnitude the strain rate for the PLC effect, _e ¼ 
3  103s1, in Figure 1. In this case, the PLC effect starts 
at about 790 K and finishes at about 905 K. Then, in 
order to compare it with the IF, we should also
that Nb is not the solute responsible for the relaxation
peak and, consequently, neither for the PLC effect, in
agreement with previous results[54] in which the PLC
effect was also observed in the same Nb-free alloy
718NbF.
In what concerns the other solute elements Cr, Fe,
and Mo, it should be remarked that Cr and Fe produce
a small change in the lattice parameters of the binary
Ni-X alloys[55] even for high concentrations. This means
that Cr and Fe should produce small local distortions of
the Ni lattice; consequently, their contribution to a
possible anelastic relaxation should be small. Indeed, IF
measurements in binary Ni-Cr polycrystalline and
single-crystal alloys between 20 and 33 at. pct Cr[56]
show that only a small IF peak about 1.4 9 103 in
strength, attributed to the Zener relaxation of Cr with
an activation energy of 2.92 eV, appears in these high-Cr
bearing alloys. Consequently, it can be concluded that
Cr, even though it could have some small contribution
to the IF spectra close to the HTB, cannot be respon-
sible for the observed relaxation peak. A new prototype
Mo-rich alloy 718Mo was specifically produced to test
the influence of Mo, the concentration of which (4.44 wt
pct Mo) is reported in Table I. This alloy underwent the
standard aeronautical thermal treatment and is in the
precipitated state. Three IF spectra measured at differ-
ent frequencies in this 718Mo alloy are plotted in
Figure 6(a), and using Eq. [1], the Arrhenius diagram is
plotted in Figure 6(b).
The activation energy of this peak PMo is the same as
the one previously measured for PSS or PAP peaks, and
the time limit is also similar in all cases. As in
Figures 3(a) and 4(a), the peaks were normalized to
the strength of the spectrum at 0.1 Hz, and it should be
remarked that the strength of the PMo peak has
increased in comparison with the peak PAP, indicating
Fig. 5—Comparison of the IF spectra at 0.1 Hz, measured in the
alloy 718 in solid solution (718SS, red dots) and in the prototype
718 Nb-free alloy (718 Nb-free, blue rhombuses) (Color
figure online).
the precipitated state. This was experimentally deter-
mined in 718 alloy by atom probe tomography,[49] 
showing that during the aging of the standard aeronau-
tical thermal treatment, the amount of Ti and Al in solid 
solution in the matrix falls to less than 25 at. pct of the 
initial concentration. Consequently, after applying the 
aging treatment to promote the precipitation in our 
alloy 718, a strong decrease of the relaxation strength 
would be expected if Ti or Al were responsible for the 
relaxation peak. In Figure 4(a), the IF spectra of the 
precipitated alloy 718AP are shown for five frequencies, 
and from them, the Arrhenius diagram of Figure 4(b) 
was obtained by the method described previously. The 
measured activation parameters are the same, within the 
error range, and it can be asserted that the PAP (after 
precipitation) peak corresponds to the one observed in 
solid solution PSS.
Nevertheless, in the precipitated state, the strength of 
the peak PAP not only has not decreased but it is even 
slightly higher than the previous peak in solid solution 
PSS. It could be argued that during the precipitation 
treatment in 718 alloy, two kinds of ordered precipitates 
were formed, namely, c¢ (Ni3Al) and c¢¢ (Ni3Nb), the 
second one being much more abundant than the former. 
An IF peak was observed in Ni3Al alloys.
[50–53] How-
ever, this relaxation peak was attributed to a Zener-like 
mechanism of Al-antisite atoms[51,52] in Al-rich Ni3Al 
alloys, and its strength decreased strongly for concen-
trations below the stoichiometry composition, as 
reported for 23.5 (at. pct) Al,[50] or was even not 
detected for 24.1 (at. pct) Al.[53] In the present case of 
the 718 alloy, the concentration of the c¢ precipitates, 
after the aging aeronautic heat treatment, is about 9 (at. 
pct) Al;[49] consequently, the presence of such a relax-
ation peak in c¢ precipitates can be discarded. In any 
case, if the relaxation peak is associated with the c¢
precipitates, it should be absent in the 625 alloy; on the 
contrary, the peak is still higher in this alloy, as will be 
presented subsequently. Then, it can be concluded that 
Ti and Al are not the solute atoms responsible for the 
relaxation peak and, consequently, neither for PLC 
effect. To the best of our best knowledge, no IF peak 
associated to c¢¢ precipitates has been reported. How-
ever, the c¢¢ precipitation has a strong influence on the 
concentration of Nb in solid solution. The fact that IF 
peaks have similar characteristics in both solid solution 
and precipitated states is a first indication that Nb is not 
directly involved in the IF peak. Then, in order to really 
test the influence of Nb, a prototype Nb-free alloy 
718NbF was specifically produced, as indicated in 
Table I. In Figure 5, the IF spectrum measured in the 
718NbF alloy, which is in solid solution state, is 
presented in comparison with the spectrum of 718SS 
alloy, both at a frequency of 0.1 Hz. As in the case of the 
718SS alloy, the peak is also fully developed in the 
718NbF alloy even during the first heating run at 1 Hz 
(Figure S2 in the Supplementary Information). Apart 
from the small variation of the HTB, the relaxation peak 
remains unchanged after the suppression of Nb. Hence, 
it can be concluded that the relaxation peak cannot be 
related to the c¢¢ (Ni3Nb) precipitates, appearing only in 
Nb bearing alloys. In addition, it also becomes obvious
625+ alloy at five frequencies are plotted, normalized to
the one at 0.1 Hz, and the corresponding Arrhenius
diagram is plotted in Figure 7(b). The activation energy
of the peak P625 is close to previous measurements,
within the error bars, but its strength is clearly superior
to the peak PAP or even to PMo. Then, from these last
measurements, the Fe can be excluded as responsible for
the relaxation peak, and Mo becomes the only atomic
species that would explain the entire set of experimental
results. However, before establishing a final conclusion,
the role of the Mo should be carefully discussed.
Fig. 6—(a) IF spectra at three frequencies for the 718 Mo-rich alloy. The peaks were normalized to the strength of the spectrum at 0.1 Hz. (b)
Arrhenius diagram obtained from these spectra using Eq. [1] from the low-temperature side of the peaks.
Fig. 7—(a) Series of IF spectra at different frequencies of the 625+ alloy, bearing a high content (8 wt pct) of Mo. The peaks have been
normalized to the strength of the spectrum at 0.1 Hz. (b) Arrhenius diagram obtained from these spectra using Eq. [1] from the low-temperature
side of the peaks.
that Mo could be responsible for the relaxation peak 
under study. To verify this point about the influence of 
Mo, as well as to test the influence of Fe, another alloy 
625+ still richer in Mo (8 wt pct Mo) than the 718Mo 
and containing only a small amount of Fe (3 wt pct Fe), 
as indicated in Table I, was studied. This alloy received a 
thermal treatment similar to the standard aeronautical 
one. A strong decrease of the peak strength, in com-
parison with the 718AP (18.3 wt pct Fe) alloy, must be 
expected in the case that Fe would be responsible for the 
relaxation peak. In Figure 7(a), the spectra measured in
Fig. 8—(a) IF spectra measured at 0.1 Hz, and after subtraction of the HTB, for the different alloys studied in the present work, to compare the
dependence of the relaxation strength on the Mo concentration. (b) IF spectra for 718SS (violet dots) and 625+ (red dots) alloys, in comparison
with the theoretical spectra fitted in both cases from Eq. [2], cyan and blue rhombuses, respectively, with the indicated parameters (Color
figure online).
Fig. 9—(a) Schema of the six different Mo-Mo dipoles at NN (purple atoms), with h110i orientations on {001} planes and orthorhombic
symmetry. (b) Presence of a vacancy (dark blue sphere) close to the [011](100) Mo-Mo dipoles due to their binding energy EB (Mo-V-Mo). (c)
Stress-induced reorientation of the Mo-Mo dipoles to another equivalent [ 101](010) orientation, under the applied oscillating stress, during IF
measurements. See the video clip included in the supplementary information (Color figure online).
fcc lattice of Ni, the Mo-Mo dipoles will have six
possible h110i orientations at NN with orthorhombic
symmetry, as depicted in Figure 9(a).
Under an applied stress, these dipoles are able to
rotate by exchange of one Mo atom with a vacancy, as
shown in Figures 9(b) and (c). During the IF measure-
ment, the oscillating stress of angular frequency x can
stimulate the resonance of the reversible rotation of the
dipoles when the condition xs = 1 is fulfilled, giving
place to the maximum relaxation strength of the peak
with a relaxation time following the Arrhenius law. A
video clip illustrating this process is included in the
supplementary information. Then, the mean value of the
measured activation energy Ea = 2.68 ± 0.05 eV will be
the one for the exchange of a Mo atom from the Mo-Mo
dipole with a vacancy; this means the short distance
diffusion energy for the Mo in the fcc lattice of Ni. This
is the first time that the Zener relaxation of Mo is
reported in Ni-base superalloys, but a similar Zener
relaxation due to trigonal Mo-Mo pairs in the bcc lattice
of the b phase in Ti-Al-Mo alloys was recently
reported.[59] Nevertheless, it should be remarked that
the activation energy of the Zener relaxation should be
slightly smaller than the one for long distance diffu-
sion[24,47] due to the expected higher binding energy
EB(Mo-V-Mo) between the vacancy and the atom pair,
in comparison with the binding energy EB(Mo-V) of the
vacancy with a single atom. In any case, the short
distance diffusion process involved in the anelastic
relaxation will be the precursor to the long distance
diffusion taking place during the PLC effect. One
important point to consider is that the PLC effect
requires a certain binding energy solute dislocation
EB(SD) to stimulate the diffusion of the solute atoms
toward the volume surrounding the core of the disloca-
tion. This is promoted for solute atoms producing a high
local elastic strain of the lattice, which is further relaxed
when such atoms migrate toward the environment of the
dislocation core. Then, atoms such as Cr or Fe with
practically the same atomic radius as Ni,[60] and pro-
ducing a low distortion of the Ni lattice,[55] must have a
low binding energy EB(SD). On the contrary, atoms
with much larger atomic radius than Ni, producing a
high lattice distortion such as Nb and Mo,[55,60] are the
best candidates. The present results tend to rule out the
responsibility of Nb for the anelastic relaxation phe-
nomenon evidenced through this IF study, in agreement
with the presence of the PLC effect in Nb-free alloy,[54]
and Mo emerges as the most suitable solute species to
account for the occurrence of both phenomena [the
short distance diffusion process generating the relax-
ation peak P718(Mo) and the long distance diffusion
stimulated by the high binding energy EB(Mo-D)] being
responsible for DSA and leading to the occurrence of
the high-temperature PLC effect in alloy 718.
V. CONCLUSIONS
Ni-base superalloys are prone to undergo DSA, which
can induce mechanical instabilities, such as the PLC
effect, over a wide range of strain rate and temperature.
IV. DISCUSSION
During the inverse PLC effect, some substitutional 
solute atom undergoes a long distance diffusion process 
toward the dislocations due to the binding energy solute 
dislocation EB(SD). Then, in the temperature range in 
which the inverse PLC takes place (700 K to 950 K), the 
long distance diffusion of the atomic species responsible for 
this effect must be triggered by short distance atomic jumps 
to activate the process. Reciprocally, if the motion of an 
atomic species is activated through short distance diffusion 
jumps in this temperature range, it will be a good candidate 
to be responsible for the PLC effect. With this approach, 
the presented experimental results give an enlightening 
view of the atomic species susceptible of being responsible 
for the observed relaxation peak. Indeed, the strength of 
the relaxation peak clearly increases with the solid solution 
concentration of Mo, as shown in Figure 8(a) in which the 
peak, measured at 0.1 Hz and after subtraction of the HTB, 
is plotted for the different studied alloys. The peak for the 
718SS alloy exhibits a strength of tan(/max) = 6 9 10
3, 
and the aeronautically treated 718AP alloy produces a 
slight increase of tan(/max), as expected due to the 
enrichment of the solid solution in Mo because of the 
precipitation. The addition of a higher amount of Mo in the 
718Mo alloy clearly increases the relaxation strength to 
tan(/max) = 8 9 10
3. Finally, in the 625+ alloy with 8 
wt pct Mo, the strength of the IF peak reaches the 
maximum value of tan(/max) = 10.5 9 10
3. Another 
point can be made regarding Figure 8(a): the slight shift 
toward high temperature of the IF peaks in the precipitated 
samples when the amount of Mo increases. These results 
are in agreement with previous studies of PLC-DSA effects 
in the 718 Mo-rich alloy[54] and in 625 alloy,[7] in which the 
transition from PLC to DSA is found at slightly higher 
temperatures than in the case of 718 alloy presented in 
Figure 1. This behavior evidences again the correlation of 
the temperature and strain-rate domains between PLC and 
IF experiments. In Figure 8(b), the peaks for the extreme 
Mo concentrations are plotted together with the fit to the 
theoretical Eq. [2]. The fit is remarkably good, except in the 
last part of the high-temperature side for which the 
experimental spectra become slightly truncated because 
of the subtraction of the HTB.
The activation energies used for the fitting were the 
ones measured in Figures 3 and 7, and the best fit is 
obtained for a broadening factor of about r2 = 1.3 
(b = 1.1), which means that the peak corresponds in all 
cases to a slightly broadened Debye peak that can only 
be attributed to a point defect mechanism. Then, it can 
be concluded that the observed relaxation peak is linked 
to Mo atoms, and we attribute this peak to a Zener 
relaxation[57,58] due to the stress-induced reorientation 
of Mo-Mo pairs of solute atoms. This mechanism is 
schematically presented in Figure 9 and can be 
described as follows. In a crystalline lattice with a 
concentration C of solute atoms, there is a probability of 
finding solute atom pairs at NN positions, which is 
proportional to C2. Each solute pair produces some 
local elastic strain of the lattice and constitutes an elastic 
dipole characterized by a strain ellipsoid according to 
the particular lattice symmetry.[24,58] In the case of the
Two temperature regimes of PLC serration occurrence
are often observed. The low-temperature regime is
clearly associated to interstitial atoms with a prominent
role of carbon atoms. With respect to the high-temper-
ature regime of serrations, the identification of the
atomic species of the solute responsible for this effect is
still controversial. The present work focused on dis-
criminating between the different solute atoms that
could be responsible for the PLC effect in 718 alloy.
Then, in light of the presented results and analysis, the
following conclusions can be drawn.
1. Mechanical spectroscopy is a good alternative
technique to identify the atomic species involved
in strain aging because the short distance atomic
jumps, taking place during the relaxation processes,
will be precursors to the long distance diffusion
mechanism required for the PLC effect.
2. In all the 718-type and 625+ studied superalloys, a
relaxation peak was found in the same temperature
range, from 700 K to 950 K (885 K for 0.1 Hz), in
which the high-temperature PLC effect takes place,
both processes being directly related to solute atom
migration. A rationalization of the correlation
between the strain-rate and temperature ranges in
both experiments, PLC and IF, was presented.
3. The activation parameters of the relaxation peak
observed in the different 718-type alloys as well as
in 625+ alloy were measured. The activation energy
Ea(P718) = 2.68 ± 0.05 eV, the pre-exponential
time s0 = 2 9 10
15 ± 1 s, and the Gaussian
broadening b = 1.1 clearly indicate that the peak
is due to an atomic point defect relaxation.
4. The performed experiments on 718-type and 625+
alloys with different amounts of solid solution
elements and thermal treatments, together with the
clear dependence of the relaxation strength on the
Mo concentration, allow us to conclude that the
relaxation peak P718 is associated with Mo solute
atoms.
5. The relaxation peak can be attributed to the
stress-induced reorientation of Mo-Mo dipoles by
exchange of one Mo atom with a vacancy, accord-
ing to the model of Zener relaxation.
6. Then, Mo solute atom diffusion can be considered
to play a significant role in the PLC effect in 718
superalloy, with an activation energy close to the
one measured for the relaxation peak.
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